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Abstract
Unlocking the full potential of solid-state electrolytes (SSEs) is key to enabling safer
and more-energy dense technologies than today’s Li-ion batteries. In particular, com-
posite materials comprising a conductive, flexible polymer matrix embedding ceramic
filler particles are emerging as a good strategy to provide the combination of conductiv-
ity, mechanical and chemical stability demanded from SSEs. Yet, the electrochemical
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activity of these materials strongly depends on their polymer/ceramic interfacial Li-ion
dynamics at the molecular scale, whose fundamental understanding remains elusive.
While this interface has been explored for non-conductive ceramic fillers, atomistic
modelling of interfaces involving a potentially more promising conductive ceramic filler
is still lacking. We address this shortfall by employing Molecular Dynamics and en-
hanced Monte Carlo techniques to gain unprecedented insights into the interfacial Li-
ion dynamics in a composite polymer-ceramic electrolyte, which integrates polyethylene
oxide (PEO) plus LiN(CF3SO2)2 lithium imide salt (LiTFSI), and Li-ion conductive
cubic Li7La3Zr2O12 (LLZO) inclusions. Our simulations automatically produce the in-
terfacial Li-ion distribution assumed in space-charge models and, for the first time, a
long-range impact of the garnet surface on the Li-ion diffusivity is unveiled. Based on
our calculations, tensile strength and ionic conductivity experimental measurements,
we are able to explain a previously reported drop in conductivity at a critical filler
fraction well below the theoretical percolation threshold. Our results pave the way for
the computational modelling of other conductive filler/polymer combinations and the
rational design of composite SSEs.
All-solid-state Li-ion batteries with a thin solid electrolyte material have the potential
to revolutionize the energy-storage market by allowing the safe incorporation of a metal
Li anode.1,2 Indeed, the significant increase in energy density resulting from this paradigm
could power the growth of several emerging applications, including long-range all-electric
vehicles and large-scale wind and solar energy generation.3
Ceramics and polymers constitute the two main families of solid-state electrolyte materi-
als. Li7La3Zr2O12 (LLZO) with the cubic garnet structure attracts increasing interest among
ceramics due to its high conductivity at room-temperature (RT) and chemical compatibil-
ity with metallic Li.4,5 However, ceramic electrolytes are brittle and provide poor intimate
contact with the electrodes, leading to strong interfacial resistance, mechanical failure and
2
dendrite formation.6,7 Conversely, polymer electrolytes allow for better interface contact with
the electrodes and mechanical stability during operation. Poly(ethylene oxide) (PEO)-based
polymer electrolytes have been extensively studied and are already found in commercial bat-
teries.8 Yet, they often fail to prevent dendrite formation at high current densities, causing
cell short-circuiting and battery failure.9,10
Composite SSE (CSSE) materials seek to integrate the benefits from both families by
embedding ceramic particles (the filler) within an ion-conducting polymer phase. In partic-
ular, polyethylene oxide/Li-salt complexes (PEO(Li-salt)) embedding either inert (non ion-
conducting)11 or active (ion-conducting) oxide fillers, such as LLZO,12,13 have been widely
explored. Very recently, materials produced by in-situ polymerization onto porous inor-
ganic skeletons have appeared that hold great promise for the incorporation into Li metal
batteries.14,15 Early works on CSSEs focused primarily on PEO(Li-salt) systems embedding
inert nanoparticles.16,17 Under certain circumstances, enhancement in RT conductivity at
low filler contents (∼ 5 - 10 % weight fraction, or ∼ 10 - 20 % volume fraction) was reported.
These initial observations were rationalized by arguing that the addition of nanoparticles sup-
pressed or dramatically slowed down the crystallization of the polymer matrix in the particle
vicinity to promote the local mobility of the polymers.18 However, some experiments indi-
cated that conductivity enhancements in CSSEs could occur even at temperatures above
the glass transition temperature, Tg, suggesting that additional mechanisms might be in-
volved. Wieczorek et al.19 applied the Lewis acid-base theory to explain the conductivity
enhancement for acidic α-Al2O3 filled PEO electrolyte. They proposed that the strong affin-
ity between ClO4 and acidic groups on the surface of α-Al2O3 nano-oxides helped to separate
the Li+ClO−4 ion pairs, resulting in an increase in the concentration of free Li+ ions. Gana-
patibhotla and Maranas20 experimentally found that the presence of acidic surface sites on
α-Al2O3 nanoparticles did lead to an increase in the conductivity compared to non-acidic γ-
Al2O3, even though no significant differences in polymer crystallinity existed between acidic
and neutral Al2O3 nanoparticles. Similarly, it has been proposed that in CSSEs compris-
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ing pristine Li-ion conductive fillers such as LLZO or Li4Ti5O12 (LLTO), similar surface
enhancing effects may be at play. For example, the enrichment of the filler surface with
Li-vacancies as a result of space charge effects (originating from the redistribution of Li+ on
both sides of the interface in order to equalize the electrochemical potential) may produce
fast pathways for Li-ion conduction.21,22 Another possible contributor to conductivity en-
hancement is partial decomposition of the active filler into Li-ion salts, as shown by Zheng
and Yu12 for LLZO:PEO(LiTFSI) CSSEs (LiTFSI = lithium bis(trifluoromethanesulfonyl)
imide) through 6Li NMR. More intriguing are the results by Choi et al.,23 who reported a
maximum in conductivity for LLZO:PEO(LiClO4) CSSEs occurring at 52 % wt LLZO for
temperatures between 308 and 338 K. However, the relative increase in conductivity low-
ered as the temperature increased. On the contrary, Zagorski et al.13 reported a monotonic
decrease in conductivity with increasing LLZO concentration LLZO:PEO(LiTFSI) at 343 K
(above Tg ∼ 336 K), in agreement with what is expected if the reported RT conductivity
enhancement at RT were exclusively the result of the filler-induced polymer amorphization.
Evidently, synthesis history and the quality of particle dispersion in the polymer phase play
a significant role in the measured trends. Therefore, accurate atomistic simulations of Li-ion
transport in CSSEs incorporating idealized active fillers can shed light into the potential
effect of interfacial Li-ion redistribution, surface vacancies, surface disorder and interfacial
Li-ion exchange on Li-ion diffusion. Moreover, conducting such simulations above Tg allows
disentangling these processes from those arising from changes in the polymer crystallinity.
Atomistic modelling of CSSEs is scarce and has focused exclusively on inert oxide par-
ticles. Molecular dynamics (MD) simulations of nano-Al2O3:PEO(LiBF4) CSSEs show a
monotonic decrease on the ionic mobilities with particle loading above Tg.24,25 In contrast,
space-charge modelling of oxide nanoparticles embedded in PEO(Li-salt) complexes predicts
a maximum in RT conductivity at ω = 16 %22,26 for both inert and active nanoparticles, in
line with some of the experiments referred to above. We note, however, that in continuous
and kinetic Monte Carlo models, space-charge enhancement is assumed a priori and thus, it
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is impossible to disentangle it from that due to crystallinity changes in the polymer phase.
So far, force field - based atomistic modelling of CSSEs with active fillers are entirely lacking.
In this work we provide the first atomistic perspective on the interfacial Li-ion dynamics
in CSSEs embedding active filler particles. The fact that Li+ ions coexist in both phases and
may undergo interfacial exchange makes this system distinctly different to those involving
inert fillers.24,25 Ebadi et al.27 recently investigated the Li-metal:PEO(LiTFSI) interface
using MD. However, accurate modelling of Li+ exchange is beyond traditional MD for this
particular system, given the chemical nature of Li plating. Conversely, interfacial Li-ion
exchange in LLZO:PEO(LiTFSI) is a physical process (there are no redox interactions)
and thus it is amenable to examination through classical force fields.28 Here, we combine
classical MD with a novel enhanced hybrid Monte Carlo technique to enable more efficient
interfacial equilibration,29,30 a challenging task that is often achieved by the freezing of
interfacial atoms31 or annealing schemes.32 We focus on a relatively easy to fabricate CSSE,
LLZO:PEO(LiTFSI), which provides an attractive ionic conductivity above Tg (or in the
presence of plasticizer)12,33 but has been fully overlooked from a fundamental, atomistic
standpoint. In addition, we perform tensile strength and ionic conductivity measurements
on the actual CSSE as a function ω to support some of our key theoretical conclusions.
Methods
Force Field
The interatomic potential for LLZO was calculated as a sum of Coulomb and Buckingham
interactions, as reported in our recent work.34 For the PEO chains, the Optimized Potentials
for Liquid Simulations (OPLS)35 was used to describe bonded and non-bonded interactions,
as well as the interatomic interactions with the Li+ ions.36 The interaction parameters for the
TFSI− anion were extracted from the force field for ionic liquids developed by Ködermmann
and co-workers,37 but a scaling factor of 0.55 was applied to the charge of nitrogen atoms
5
to ensure electroneutrality in the LiTFSI molecule. For both PEO and TFSI−, non-bonded
potentials were the sum of Coulomb and Lennard-Jones (LJ) interactions. Thus, the cross
PEO/TFSI− interaction parameters were obtained using the Lorenz-Berthelot rules. The
cross parameters for PEO/LLZO and TFSI−/LLZO are less well-defined, as the functional
form of potentials employed differ. To obtain them, we rewrote the Buckingham-type in-
teractions in an LJ functional form, following the strategy described in Section S1 of the
SI.
Although the OPLS force field for PEO and that reported by Köddermann et al. 37 for
TFSI− anions can accurately reproduce density, structural and transport properties, few au-
thors have simulated the combined PEO, TFSI− and Li+ system using non-polarizable atom-
istic models (see e.g. Brooks et al.38). Hence, we validated our force field for PEO(LiTFSI)
by comparing the estimated mass densities (at 358 K and several LiTFSI contents) and ionic
conductivities (at 358 K and 343 K) with available experimental and computational data.
Details and results of these calculations are described in Section S2 of the SI.
Validating the force field for the composite LLZO:PEO(LiTFSI) system is considerably
more difficult, given the lack of microscopic experimental data that can unequivocally explain
the structural and dynamical features at the garnet polymer/garnet interface. Our results,
however, are in good qualitative agreement with the experimental data on Li+ transport
from Zagórski et al.13 and automatically produces a Stern-like interfacial layer predicted
and indirectly measured by Brogioli et al.,39 as we shall demonstrate below.
Simulation Details
We used two simulation methods in this study: MD and the generalized shadow hybrid Monte
Carlo (GSHMC) method.29 The GSHMC is a generalized hybrid Monte Carlo (GHMC) im-
portance sampling scheme40 where sampling is performed with respect to modified Hamilto-
nians, whilst sampling efficiency is increased by alternating short MD trajectories with MC
stochastic sampling. The efficiency of GSHMC over traditional hybrid Monte Carlo methods
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lies in the possibility of preserving dynamical information and reaching higher acceptance
rates. On the other hand, compared to MD, GSHMC offers a more rigorous control of the
temperature and broader sampling due to its stochastic nature. GSHMC is implemented
in MultiHMC-GROMACS,30,41,42 an in-house modified version of the open-source package
GROMACS 4.5.4.43 Tunable parameters of GSHMC were adapted from our previous work
on substituted LLZO garnets34,44 and included the length of MD trajectories (L = 250), the
time step (∆t = 2 fs), the partial velocity update parameter (φ = 0.1) and the order of the
modified Hamiltonian (4th order). In this work, we combined GSHMC with our two-stage
Modified Adaptive Integration Approach (MAIA)30 for modified Hamiltonian MC methods,
which allowed for further sampling enhancement without time-step deterioration. For MD,
we used a standard Velocity Verlet integrator with the time step ∆t = 2 fs.
Simulations were performed at 343, 450, and 600 K. While at the lowest and highest tem-
peratures only short polymer chains withN = 10 EO units were studied to accelerate the con-
vergence of Li+ transport to Fickian diffusion,38 at 450 K polymers withN = 10, 15, 20, 25, 30
and 60 were considered as well. GSHMC was employed for system equilibration, while MD
was used during production runs.
We introduced Ga3+ (0.15 per formula unit) into the Li+ sublattice of LLZO, a common
and effective way to stabilize the cubic garnet below 600 K.34,44 All the initial configurations
were generated with Packmol.45 The simulation boxes contained 3× 3× 3 LLZO supercells
with 1416 Li atoms, 648 La atoms, 432 Zr atoms, 2592 O atoms, and 32 Ga atoms. In
addition, the system included 88 LiTFSI molecules for a fixed PEO content corresponding
to the experimental target concentration13 EO:Li = 20:1. At 600 K, we also simulated
EO:Li = 48:1, 32:1, 20:1, 16:1 and 11:1 to analyze Li+ adsorption on the garnet surface.
While the PEO and LiTFSI molecules were randomly located in the simulation box, the
initial configuration of the LLZO garnet was obtained using the random sampling technique
described elsewhere.34,44 Periodic boundary conditions and van der Waals interactions with
a cut-off distance of 12 Å were considered. Coulomb electrostatics were evaluated via the
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smooth particle mesh Ewald method with a cut-off radius of 11 Å.
The LLZO:PEO(LiTFSI) systems were equilibrated for 10 ns in the NVT ensemble first
and then in the NPT ensemble. Temperature and pressure were controlled using a velocity
rescaling thermostat (coupling time constant 0.1 ps) and the Parrinello-Rahman method46
(coupling time constant 2 ps) at a target temperature and pressure P = 1 bar, respectively.
All production runs were performed for 150 ns. Bond lengths with hydrogen atoms where
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Figure 1: Comparison of the ACF obtained with MD (solid lines) and GSHMC (dashed
lines) methods at (a) 343 K, (b) 450 K, and (c) 600 K for N = 10 EO monomers per chain.
Black and red lines represent the ACF of the radius of gyration, Rg, and the end-to-end
distance, Re, of PEO polymers, respectively.
Figure 1 depicts the autocorrelation functions (ACF) for the end-to-end distance (Re)
and radius of gyration (Rg) for MD and GSHMC simulations at 343 K, 450 K, and 600 K
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during the equilibration stage in the NVT ensemble for systems with N = 10. The faster
the ACF vanishes, the higher the average frequency with which uncorrelated samples are
generated (i.e., the higher the sampling efficiency). Clearly, GSHMC provides significantly
better sampling performance than MD. In order to quantify it, Section S3 of the SI provides
the time normalized integrated ACF for N = 10 and N = 60 at 343 K, 450 K, and 600 K.
GSHMC exhibits a sampling performance up to 145.5 times better than MD for the examined
system.
Synthesis of cubic-LLZO
Ga-substituted LLZO (Li6.55Ga0.15La3Zr2O12) was synthesized using a citric acid-nitrate
route.48,49 Ga2O3 (≥ 99.99 %, Sigma Aldrich), La(NO3)3 (≥ 99.99 %, Sigma Aldrich),
Zr(C5H7O2)4 (≥ 98 %, Alfa Aesar), and LiNO3 (≥ 99.0 %, Sigma Aldrich) were mixed
in stoichiometric quantities (with a 10 % Li excess) and dissolved in a citric acid solution
with a few drops of HNO3. The organic components were then burned off at 600 ◦C for 12
h. The resulting powder was ground and reheated to 800 ◦C for 12 h in dry O2 to obtain a
pure cubic phase. The final material was ball milled to obtain Ga-LLZO particles of 1.4 µm
in average, and was readily used for the elaboration of the composite membrane.
Preparation of Polymer Electrolyte Membranes
All free-standing polymer electrolytes were obtained by solvent casting and slurries were
mixed via magnetic stirring to avoid any degradation of the starting materials, as described
in Zagórski et al.13 The compositions selected for this study were 10, 20, 30, 40 and 50 vol. %
of LLZO (equivalent to 31, 51, 64, 73 and 80 wt. % respectively) dispersed in PEO:LiTFSI
at a 20:1 ethylene oxide units per lithium ions ratio. PEO (MW = 5M, Sigma Aldrich),
LiTFSI (99.95 %, Sigma Aldrich) and LLZO were mixed in ACN (99.8 %, Sigma Aldrich)
during 12h. The resulting homogeneous slurries were casted in a PTFE evaporating dish.
The membranes were formed and dried by subsequent solvent evaporations at RT (24 h)
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and dynamic vacuum (12 h at 50 ◦C). All these preparations were done in an argon filled
glovebox under dry conditions.
X-ray diffraction
As-prepared LLZO was finely ground for powder X-Ray diffraction (PXRD) measurements.
The powder was placed in an air-tight sample holder and measured from 15 to 80 ◦ in the
two-theta angle using a Bruker D8 diffractometer mounted with a non-monochromated Cu
source. The X-ray diffractogram is shown in Figure S4 of the SI, confirming that its struc-
ture corresponds to that of the cubic garnet when produced under the synthesis conditions
described above (see ref. 50).
Tensile strain mechanical tests
Uniaxial stress-strain measurements were realized on previously cut membrane strips of 40
× 5 mm2. The samples were fixed to a Universal Mechanical Testing Machine (Instron),
then a tensile strain of 5 µm s−1 was applied until reaching a maximum value of strain
of 20 % and the membrane elongation followed. Three measurements were performed for
each membrane composition and the most representative result was selected. The Young’s
modulus was calculated from the slope of the linear part of the stress-strain curve.
Electrochemical measurements
Ionic conductivities of these composite electrolytes were determined by electrochemical impedance
spectroscopies (EIS), in CR2032 coin cells. All cells were assembled in an argon-filled glove
box (MBraun < 1ppm O2, H2O), using stainless steel discs as blocking electrodes. EIS
measurements were done on a VMP3 R© potentiostat (BioLogic Science Instruments), from
1 MHz to 1 Hz, with an alternating current amplitude of 10 mV, in the temperature range
from 25 to 80 ◦C. Resulting spectra were analyzed with EC-lab software.
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The LLZO:PEO(LiTFSI) system
Figure 2a presents a snapshot of the equilibrated simulation box for the LLZO:PEO(LiTFSI)
CSSE, at 450 K and for short olygomeric PEO chains with degree of polymerization N = 10
(the actual length of the simulation box was truncated to facilitate visualization). The gar-
net was cleaved to the center of the simulation box, creating two interfaces perpendicular
to the x axis. In all cases, we considered the (100) plane of LLZO with differently exposed
terminations on each side in the initial configurations (see Figure 2b). The surface concen-
trations and corresponding net charge density is reported in Table 1. The number of highly
charged Zr+4, La+3 and Ga+3 ions on the right interfacial plane (R.P.) is higher than that
on the left interfacial plane (L.P.), producing a significantly higher surface charge density.
This leads to considerable differences in the ionic distributions upon equilibration, most
particularly for Li+g (i.e., Li+ originating in the garnet) and O2−. Indeed, our simulations
predict the formation of an amorphous ∼ 3 Å interfacial monolayer of Li+g ions arising upon
interaction with PEO(LiTFSI), generating an unstructured but stable collection of surface
Li-sites. This is shown in the density profile for Li+g in the CSSE (solid red line in Figure 2c),
depicted together with the corresponding equilibrium density profile for Li+g in stand-alone
LLZO (dotted black line) under periodic boundary conditions (PBC). The amorphous Li+g
surface layer is contained within the gray band on both interfacial planes in Figure 2c. It
can be identified as the excess shoulders in the Li+g distribution (for the CSSE) on the L.P.
and R.P. with respect to the density profile for Li+g under PBC (a similar monolayer can be
identified for O2− - not shown). The development of this layer is in agreement with 6Li NMR
analysis of LLZO:PEO(LiTFSI) and LLZO:PEO(LiClO4),12,51 which revealed a distribution
of interfacial Li+g distinctively different from that in the bulk crystal. Using first principle
calculations, Canepa et al.52 found a significant reconstruction of surface Li+ and O2− layers
for tetragonal LLZO. Thus, it is not surprising to detect a higher degree of reconstruction
in the more disordered cubic polymorph.
Notice that for −16.5 < x < 16.5 Å, the location of peaks and valleys for the Li+g -
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CSSE and Li+g - PBC density distributions coincide. The magnitudes are not the same,
however, because the simulation times do not allow every Li+g ion to traverse the garnet,
impeding the theoretical distribution of Li-site occupancies to be exactly fulfilled at each site.
Nonetheless, the matching of features indicates that within −16.5 < x < 16.5 the garnet in
the CSSE preserves the bulk structure. This is further confirmed by the total charge density
distribution qtot(x) illustrated in Figure 2d, which takes into account all atomic charges in
the system. Here, the solid red line represents the equilibrated CSSE system, whilst the
dotted line represents the LLZO under PBC. In the interval −16.5 < x < 16.5 Å, the charge
distributions qtot(x) - CSSE and qtot(x) - PBC coincide very well. The net surface charge
density for a < x < b, Qa,b is given by
∫ b
a
qtotdx. In the bulk region, we find that QBulk is
zero. Moreover, the charge between adjacent points of maxima in qtot(x) for the CSSE and
PBC garnet systems, Qosc (see Figure 2c), is also zero within the bulk region. However, while
the first charge oscillations outside the bulk region on both sides (cyan band in Figure 2d)
have no net surface charge for the LLZO - PBC system (as expected), they have a negative
net surface charge in the LLZO - CSSE system. The reason becomes clear after examining
this same region in the density profiles represented in Figure 2c: the absence of a Li+g peak
for the LLZO - CSSE system within the cyan band (which is present in the LLZO - PBC
system) indicates the existence of a Li+g -poor layer adjacent to the L.P and R.P. The nature
of this layer can be ascribed to space-charge effects and will be discussed shortly.
Finally, Figure 2c shows that the last two peaks on the L.P. and R.P. (marked with * and
**) differ. This can be attributed to the different terminations in the initial configuration
(see Figure 2b and Table 1). Peak * on the L.P is significantly more pronounced than that
on the R.P., due to the lower surface charge density arising from the lower concentration
of highly charged ions (Zr+4, La+3 and Ga+3) on the L.P. The distribution of atoms in the
PEO(LiTFSI) phase is also affected. The magenta line in Figure 2c, representing the density
profile for oxygen atoms in the PEO chains, reveals minor (but non negligible) differences
on each side of the interface. Interestingly, the polymer can interpenetrate the O2−/ Li+g
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monolayer (gray band, Figure 2c), which means that lithium ions in this region can also be
coordinated by polymer oxygens. We shall see that this allows keeping electroneutrality, de-
spite the unidirectional Li-ion influx towards the garnet. Importantly, the features described
so far are common to all CSSE systems, regardless of temperature, PEO chain length or
LiTFSI concentration.
Table 1: Initial distribution of exposed ions on the left and right planes of the garnet slab
shown in Figure 2a.






surface charge 0.19+ 0.92+density (e nm−2)
PEO binding on the LLZO surface
Some experiments on PEO use methyl-terminated chains, whereas others use hydroxyl-
terminated chains (see, for instance, ref 53). We focused exclusively on hydroxyl-terminated
chains, as they interact more strongly with the garnet (See Section S4 of the SI) and provide
better insights into the effect of garnet/polymer interactions on the diffusive behavior of Li+.
Figure 3a shows that, regardless ofN , there are two prominent binding peaks extending ∼
10 Å into the polymer phase, indicating that a significant part of the bound chains remains
detached.54 Our simulations reveal two distinct polymer binding mechanisms: (1) strong
hydrogen bond-type interactions between the terminal OH group of the PEO chain and the
surface oxygens of the garnet, and (2) weaker van der Waals (vdW) interactions between
polymer oxygens and surface cations. The binding mechanisms are visualized in Figure 3b
by means of the radial distribution function (RDF), between selected polymer atoms at the
interface (−25 < x < −20 Å or 20 < x < 25 Å) and garnet ions, at 450 K for a polymer
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Figure 2: (a) The simulation box for the LLZO:PEO(LiTFSI) system, at 450 K and for
short PEO chains with N = 10 EO monomers. The garnet is cleaved to the center of the
simulation box, creating two interfaces perpendicular to the x axis. Brown, red, green, silver
and white spheres within the garnet correspond to Li+g (Li+ ions originating in the LLZO),
O2−, Zr4+, La3+ and Ga3+ ions, respectively. Only the -C- (cyan) and -O- (red) bonds in the
PEO chains are shown, while those bonds with hydrogen are excluded for clarity. Li+p (Li+
ions originating in the LiTFSI salt) are depicted as orange spheres, while the bonds in the
TFSI− anions are shown in yellow (-S-), red (-O-), blue (-N-), cyan (-C-) and magenta (-F).
(b) Initial distribution of exposed ions on the left and right planes of the garnet side of the
LLZO:PEO(LiTFSI) interface. (c) Axial density distribution ρ(x) for Li+g in the equilibrated
CSSE (solid red line), in stand-alone LLZO under PBC (dotted black line) and for the O
atoms in the PEO polymer chains (solid magenta line) in the equilibrated CSSE. (d) Total
charge distribution in the CSSE and stand-alone LLZO under PBC, qtot(x) =
∑
i qiρi(x).
Here, qi is the force-field charge of species i, and ρi its axial density profile.
length N = 60 (analogous results were obtained for other N values). Here, O1 and H1
denote the terminal O and H atoms in the PEO chain, while O2 represents intermediate
oxygen atoms. The sharp peak at 1.5 Å in the H1 - O2− RDF (black line) and the smaller
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Figure 3: (a) Number density profile for PEO carbon and oxygen atoms, for several chain
lengthsN, at 450 K. The density profiles remain similar, with significant binding peaks within
∼ 10 Å into the polymer phase from the garnet surface (the garnet is located in the interval
−22 < x < 22 Å). (b) RDF between several pairs of polymer atoms and surface garnet ions
for N = 60 chains (see main text for definitions of H1, O1 and O2). The H1-O2− peak at 1.5
Å (black) and the subsequent O1-O2− peak at 2.4 Å (blue) are indicative of hydrogen bonding.
This is further confirmed by the highly directional interaction, as derived from the O1-H · · ·
O2− angle distribution in the inset. Another significant binding interaction comes from vdW
attraction between O2− and exposed La3+ (in cyan). (c) Probability density distribution of
adsorbed polymer extensions perpendicular to the garnet surface, l, at several temperatures
for N = 10. The solid line is the best fit to a Rayleigh probability density function. (d)
Variation of 〈l〉 with N at 450 K. (e,f) Snapshots of bound polymer configurations at 450 K
and 600 K, respectively. Each chain is colored differently to facilitate following its contour.
The hydrogen bond is strong enough to allow binding of the polymer termination at 600
K. At 450 K, interactions between intermediate polymer atoms and surface garnet atoms
become stable.
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peak at 2.4 Å in the O2− - O1 RDF (blue line) are telltale signs of hydrogen bonding.
Further evidence comes from the O1-H · · · O2− angle distribution, depicted in the inset of
Figure 3b. The angle remains above 120o and is on average 168o, which is indicative of
the highly directional interaction, typical of strong hydrogen bonding.55 Another significant
peak appears at 2.4 Å in the O2 - La3+ RDF (cyan line), making this specific interaction the
main driver of binding mechanism 2. The higher abundance of exposed O2− and La3+ on the
R.P. of the LLZO particle explains why the binding peaks in Figure 3a are more pronounced
at the right hand side. The overall shape of the density profiles is, nonetheless, very similar
on either side of the interface.
A lower, broader peak is observed in the O2 - Li+ RDF (magenta line) at 2.2 Å, indicating
that the contribution to polymer adsorption from O2 interactions with Li+ is relatively minor.
Interestingly, the large Zr4+ ions do not interact as strongly as La3+ with the polymer O
atoms (red line), despite their large formal charge and the fact that the La3+ and Zr4+
abundances are similar on the L.P. and R.P. (see Figure 2b and Table 1). This suggests
that the impact of Coulomb forces is outweighed by vdW interactions. The RDF of other
polymer - garnet atom pairs do not display any important features indicative of binding.
In order to determine how far bound chains can extend into the polymer phase perpen-
dicularly to the LLZO surface, we estimated the probability distribution for the maximum
extensions in the x direction for bound polymer chains (perpendicular to the garnet surface),
l, for N = 10 at several temperatures (Figure 3c). We defined bound polymer chains as those
for which one or more O2 and/or H1 atoms remained within 2.5 Å from the garnet surface
(as indicated by the location of the main peaks in the RDF) within the interval (ts− 30, ts),
where ts was the total simulation time (in ns). This time-frame was found to be adequate to
allow for initially unbound chains to diffuse and bind to the garnet surface. The solid line
represents the best fit to a Rayleigh probability density function. The distribution is shifted
by 3.0 Å to the right at 600 K with respect to those at 450 K and 343 K, indicating a lower
degree of polymer flattening (due to binding) at the highest temperature. This is the result
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of having both binding mechanism 1 and 2 present at and below 450 K (Figure 3e), and
only binding mechanism 1 operating at 600 K (Figure 3f). The similarity between the f(l)
curves at 450 K and 343 K suggests that the distribution of polymer trains does not change
significantly between these two temperatures. Note that the strong O1-H · · · O2− hydrogen
bond leads to a binding behavior akin to that of grafted polymer.
Figure 3d shows that 〈l〉 varies with N as 〈l〉 ∼ N0.58 at 450 K. This is likely to hold
at 343 K (just above Tg ∼ 335 K),13 based on the similarities described above. As follows
from the theoretical treatment by Alexander56 and de Gennes,57 as well as from more recent
molecular simulation studies,58 there are two possible regimes for a polymer grafted on an
otherwise non-adsorbing surface. At low densities (LD), the bound polymer behaves much
like a collection of isolated chains in solution (the so-called mushroom regime59), tracing out
a hemisphere of Flory radius:
〈l〉LD = aN0.6, (1)
where a is a proportionality constant of the order of the persistence length lp. At high
densities (HD), grafted polymer chains compete for binding sites and acquire a brush-like
configuration (the brush regime59), with 〈l〉LD ∼ N . Thus, at the investigated polymer ma-
trix density (1.1 g·cm−3, typical of PEO-based CSSEs13,60,61), the bound polymer appears
to follow the behavior of dilute, grafted PEO chains (equation 1). Mogurampelly and Gane-
san24,25 found that PEO(LiBF4) polymer electrolytes complexes containing non-conducting
1.4 nm Al2O3 nanoparticles displayed a monotonic decrease in ionic conductivities and mo-
bilities with increasing filler content, most likely due to a reduced segmental dynamics of the
polymer chains bound to the nanoparticles. This reduction in polymer mobility extended
only a few angstroms into the polymer phase. However, when the particle diameter con-
siderably exceeds the polymer length, the available surface area for binding is large enough
to allow for the formation of a "polymer shell" around the filler particle ∼ lpN0.6 thick in
the mushroom regime, which means that the drop in the segmental dynamics can reach far
into the polymer phase. Before exploring this argument in depth and its crucial relationship
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to Li-ion diffusion, we shall first show that long-range Li-ion transport occurs exclusively
through the polymer phase, while the LLZO acts effectively as an adsorbent of polymer
lithium ions, Li+p .
Lithium distribution
Figure 4a depicts the equilibrium density profiles of Li-ions originally located inside the
garnet (Li+g , solid red line), within the PEO(LiTFSI) phase (Li+p , dotted green line), and
oxygen atoms in the TFSI− anions (O3, dashed black line) at 450 K and N = 10. An
analogous plot for N = 60 is presented in Figure 4b. For both values of N , the following
important features are observed:
(i) There are Li-ion depletion regions in the PEO(LiTFSI) side of the interface (yellow
band) and garnet side of the interface (blue band), the latter already identified in Figures
2c and 2d. Notice that no O3 depletion is observed within the yellow band, indicating that
this behavior is exclusive to the salt cation. And
(ii) There is a negligible amount of Li+g in the PEO(LiTFSI) phase, but there is adsorption
of Li+p in the garnet.
Let us first consider feature (i). Recently, Brogioli et al.39 modelled Al-doped LLZO:
PEO(LiClO4) using the Gouy-Chapmann-Stern equations. They assumed the existence of
a Li-ion free layer (the so-called Stern layer) and a Li-ion vacancy-rich layer in the poly-
mer and garnet sides of the interface, respectively, analogous to the blue and yellow bands
indicated in Figures 2c and 2d. Their model was able to reproduce the experimental vari-
ation of interfacial resistivity with salt concentration, imposing assumptions on the Li-ion
distribution that our simulations generate as a matter of course. Nevertheless, according to
our simulations, space charge effects in the PEO(LiTFSI) phase are weak. Figure 4c depicts
qtot(x) around the Stern layer (yellow band) for the N = 10 system (the results are very
similar for N = 60). qtot(x) appears significantly flat within the Stern layer and into the
polymer phase, as compared with the interfacial region. Closer inspection, however (see
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Figure 4: Number density profiles of Li+g (solid red), Li+p (dotted green) and O3 (dashed
black) ions, for a polymer phase comprised of N = 10 (a) and N = 60 (b) PEO chains at
450 K. Cyan and yellow bands represent the Stern layer (in the polymer phase) and Li-ion
poor layer (in the garnet phase), respectively. Notably, there is no Li+g in the PEO(LiTFSI),
indicating unidirectional Li-ion exchange. (c) Charge density distribution in the polymer
side of the (left) interface for N = 10 at 450 K. (d) Close-up of the region indicated in (c).
The blue line represents a moving average curve (taking a window size of 1 Å) up until the
end of the Stern layer (where the LLZO surface begins). (e) Left: close-up of (a) around the
4.5 Å thick Stern layer. Right: snapshots of a four-steps intrachain diffusion of Li+p along
an adsorbed polymer chain at 450 K and N = 10. The chain must fold in order to allow for
Li+p coordination, restricting the motion of Li+p along the polymer chain, which occurs in ∼
4.5 Å length steps (dotted lines are a guide to the eye). This generates a Li-ion free zone in
the density profile of Li+p (i.e. the Stern layer).
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Figure 4d), reveals that for −30 < x < −22 Å, qtot(x) tends to increase with x, as expected
in the Gouy-Chapmann-Stern model. For x < −30, |qtot(x)| ≤ +1 eÅ−3 and its average is
zero. Analogous behavior is detected on the right side of the interface.
We showed that a net neutral "bulk region" exists within the garnet in the interval
−16.5 < x < 16.5 Å at 450 K (see Figure 2d). Given also the neutrality of the PEO(LiTFSI)
phase for x < −30 or x > 30 Å, it is obvious that the interfaces are also neutral thanks to
the space charge effects automatically generated by our simulations.
Brogioli et al.39 determined that the interfacial resistance to Li-ion diffusion depended
primarily on the thickness of the Stern layer (estimated to be just a few angstroms wide) and
suggested that it was an activated energy barrier, but could not pinpoint its origin. Figure 4e
(left) contains a close-up of the left side Stern layer in Figure 4a, revealing that its thickness
is ∼ 4.5 Å. The same thickness is found on the right side and for N = 60, indicating that
its nature is independent on the polymer length. We explain its origin, dimensions and the
negligible amount of Li+g in the PEO(LiTFSI) phase (feature (ii)) as follows:
Earlier MD simulations revealed a three-steps mechanism for the diffusion of Li+p through
the PEO matrix: (a) intrachain Li-ion hopping along the polymer backbone, (b) cooperative
Li-ion motion coordinated with the PEO segments, and (c) Li-ion inter-segmental hopping
from one chain to the other.62–64 Throughout these steps, Li+p is coordinated by 4 - 5 polymer
O atoms.62,65 Because a Li+p ion is often coordinated by O atoms from a single chain, this
chain must fold in order to allow for such degree of O coordination (see Figure 4e (right)).
Brooks et al.38 showed that while the jumping distance is temperature dependent, the most
frequent distance in the 360 - 450 K range is approximately that between adjacent polymer
oxygens in bulk PEO(LiTFSI) (∼ 2.5 Å). However, restrictions in chain folding imposed
by the garnet surface forces the jump required to transfer the Li+p from the polymer phase
to the garnet surface to be at least twice as long. This occurs because a bound chain is
not infinitely flexible, but requires about one persistence length lp = 3.8 Å66 to acquire a
significant curvature as it leaves the garnet surface. Away from the garnet surface, it is
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obvious that chain diffusion and mobility do not allow for intrachain hopping to be reflected
on the density profile. However, the discrete nature of intrachain diffusion becomes clear
near the surface through the formation a Li-ion free Stern layer. This is illustrated in Figure
4e (right), depicting the evolution of a Li+p ion (orange) transferring from the PEO(LiTFSI)
phase to the garnet through a four-steps intraparticle hopping process along a single N = 10
chain at 450 K (other chains are not shown for clarity). From steps (I)-(III), the Li+p ion is
coordinated by ∼ 4− 5 PEO Oxygen atoms (those intersecting the 3.0 Å radius62 magenta
circle). The fact that no Li-ions transfer from the garnet to the polymer phase suggests the
existence of a steep energy barrier, which will be explored in future work.
Electroneutrality
Because electroneutrality must be kept, adsorption of Li+p ions into the garnet bulk must
lead to diffusion of Li+g to the unstructured O2−/Li+p monolayer (gray band in Figure 2c).
However, this does not provoke the uptake of Li+g within PEO(LiTFSI) in atomistic time
scales and thus, Li-ion exchange cannot contribute significantly to ionic conduction.
We now consider how Li ions (either Li+p or Li+g ) are stabilized at the interface. Figures 5a
and 5b depict the RDF for interfacial Li - O at 450 K for N = 10 and N = 60, respectively.
Here, the O atoms can originate in the garnet (O2−), in the polymer (O1, O2) or in the
TSFI− anion (O3). We consider the Li ions in a 1 Å bin next to the Stern layer (i.e., in the
O2−/Li+g unstructured surface monolayer) at |x| = 20 Å and also at the beginning of the
bulk region in LLZO, at |x| = 15 Å. In the bulk crystal, coordination of Li ions should be
uniquely achieved by either 4 or 6 O2− ions at an average distance of 2.1 Å from the central
Li ion. Interestingly, the RDF at |x| = 20 reveals that the oxygen coordination shell has
also a 2.1 Å radius. This tighter coordination shell at the garnet surface, compared to that
in PEO(LiTFSI) may lead to the suggested energy barrier impeding Li-ion transfer from the
garnet to the polymer. In this case, however, the O atoms in the shell can originate in the
polymer phase. Indeed, figures 5c,d and 5e,c show the average oxygen coordination profile
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of Li ions for N = 10 and N = 60, respectively, between the O2−/Li+g monolayer and the
LLZO bulk on both sides of the interface at 450 K. In all cases, total oxygen coordination
numbers stay between sightly below 4 and 5, with those Li ions within 2 Å of the Stern layer
more likely to be under-coordinated with respect to the polymer bulk. Nonetheless, past
this point oxygen coordination numbers remain above 4 and tend towards ∼ 5 in the bulk
region, which is the average between the typical coordination of tetrahedral and octahedral
Li-sites in the garnet. The blue band represents the Li-ion poor region identified in Figure
2c. Between this band and the L.P/R.P., there is penetration of PEO(LiTFSI) within the
garnet phase, allowing O atoms from PEO and TFSI− help stabilize both Li+g and adsorbed
Li+p within the interfacial garnet layers. Indeed, Figures 5c-f show that in the vicinity of the
Stern layer, O1, O2 and O3 contribute in average 2 coordinating oxygens. Expectedly, the
most abundant O type, O2, is the largest contributor to the coordination of interfacial Li
ions from the PEO(LiTFSI) phase, while contribution from O3 is minor. Moving towards
the garnet bulk, PEO(LiTFSI) penetration fades and O2− coordination takes over.
In summary, the mixed garnet/PEO(LiTFSI) oxygen coordination of Li-ions arising from
phase interpenetration explains how some Li+p can enter the bulk LLZO while forcing Li+g
onto the interface without violating electroneutrality.
Transport parallel to the interface
In order to investigate Li-ion diffusion parallel to the garnet surface in the polymer phase,
we follow the formulation by Liu et al.,67 briefly summarized below.
Let N{x1,x2}(t, t + τ) be the number of particles that stay within the region {x1, x2} in











(yi(t, t+ τ)− yi(t))2, (2)
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Figure 5: RDF for Li - O atoms within LLZO at 450 K for N = 10 (a) and N = 60 (b). We
examine Li ions in 1 Å bins centered at x = −20 Å and x = 20 Å (the LLZO side of the
interface) and Li ions in 1 Å bins centered at x = −15 Å and x = 15 Å (the garnet bulk).
We consider O atoms originating in the polymer (O1 and O2), the salt anion (O3) and the
garnet (O2−). (c-f) Average oxygen coordination profiles for Li-ions between the Stern layer
(yellow band) and the garnet bulk, at 450 K for N = 10 ((c) left plane (L.P.), (d) right plane
(R.P.)) and for N = 60 ((e) L.P., (f) R.P.). Individual contributions from each oxygen type
are indicated, as well as the total oxygen coordination number. The blue band represents
the Li-ion poor region within the garnet. The lines are a guide to the eye.
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Figure 6: (a,b) Variation of survival rates, R(t), of Li+p ions with the distance from the garnet
surface d at (a) 343 K and (b) 450 K. (c, d) y, z in-plane MSD for Li+p ions at four values
of d at 343 K (c) and 450 K (d). (e) Lateral diffusivity D (eq. 5) to bulk diffusivity D0
ratio for Li+p at 343 K and 450 K. (f) Autocorrelation function for the C–O–C–C dihedrals,
Cφφ, at 343 K (black) and 450 K (red) in the bulk (solid lines), for dihedrals "far" from the
garnet surface in the composite system (d < 20 Å) (dashed-lines), and dihedrals "near" the
surface in the composite system (d < 10 Å) (dotted lines).
where nt is the total number of time steps averaged over. The survival rate R(τ), representing
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With the definitions above, the diffusion coefficient in y can be estimated from











Figures 6a and 6b depict the survival rate, R(t) (eq. 3), for Li+p ions at various values of
the distance d from the garnet surface, at 343 K and 450 K for N = 10. The results are
averages from both sides of the interface, which were found to differ by less that 10 % . The
reported distances represent the midpoints of 5 Å thick bins for d ≥ 7.5Å. For d < 7.5Å,
the thickness of the bins is reduced to 3 Å. At any given d, R(t) is expectedly higher at
343 K than at 450 K for every t, due to the enhancement of mobility with temperature.
However, it is interesting to note that the relative order of the curves is the same at both
temperatures. At the garnet surface (d = 0 Å, yellow line), the survival rate for adsorbed Li+p
ions is considerably higher than that at any farther distance. This indicates that a relatively
small fraction of adsorbed Li+p can diffuse towards the garnet bulk in atomistic time scales.
At d = 2.5 Å (red line), R(t) decays very quickly, because this area comprises the unstable
Stern region. The rate of decay increases again at d = 7.5 Å, and decreases progressively
as d increases, reaching an apparent equilibrium at 450 K. However, such an equilibrium is
never actually reached in the parallel diffusivity, as we shall see below.
Figure 6e shows the ratio of the diffusion coefficient parallel to the interface, D (equa-
tion 5), to the bulk diffusion coefficient D0 for Li+p in the PEO(LiTFSI) phase for several
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values of d, averaging the results on both sides of the interface (D0 = 1.4 × 10−7cm2/s and
3.3× 10−6cm2/s at 343 K and 450 K, respectively, as computed using our force field). The
corresponding in-plane MSDs, 1
2
(〈y(t)2〉+〈z(t)2〉){x1,x2} (eq. 2) for Li+p are depicted in Figure
6c and 6d, along with the slope lines (solid orange lines) from which the parallel diffusivities
were calculated (eq. 5). It is important to note that the in-plane MSD is only meaningful
within the time frame for which R(t) is still relatively high. To expand this interval, we
divided the PEO(LiTFSI) phase into 4 larger bins, centered at the values of d specified in
the figure legends. By doing this, we were able to identify regions of normal diffusion from
which a reliable value of D can be drawn.
Surprisingly, the D/D0 ratio in Figure 6e is over an order of magnitude below unity,
regardless of d. That is, the presence of the garnet wall has a surprisingly long-range effect
on the diffusivity of Li+p . This is in stark contrast with earlier findings from Mogurampelly
and Ganesan,24 who showed that small alumina nanoparticles (14 Å in diameter) embedded
in PEO(LiBF4) only impacted Li-ion diffusion within ∼ 8 Å from the nanoparticles surface.
In order to investigate the severe decline in D at all values of d, we estimated the segmen-






It is well understood that a decrease in polymer segmental mobility originated from
inert nanoparticle inclusions leads to reduced Li-ion diffusivity in PEO(Li-salt) composite
systems.24,68 Figure 6f shows the evolution of Cφφ for dihedrals "far" from the garnet sur-
face (d > 20 Å), "near" the surface (d < 10 Å) and the corresponding bulk curves for
PEO(LiTFSI) at 343 K and 450 K. Cφφ decays considerably slower near the surface than
far away from it. This is a consequence of polymer binding and a significant reduction on
the segmental degrees of freedom for the interfacial polymers. Nonetheless, Cφφ also decays
considerably slower far from the interface when compared to the bulk Cφφ value. For small
oxide nanoparticles (< 20 Å in diameter) the polymer chains recover the bulk mobility 10
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Å away from the nanoparticle surface.24,68 Therefore, it is obvious that the filler particle
size has a severe impact on Li-ion diffusion. In particular, LLZO particles that are large
with respect to the PEO chain length are likely to lead to long-range reduction in polymer
mobility and, consequently, to long-range reduction in the ionic diffusivities. In addition,
we do not find that space charge effects lead to improvement of interfacial Li-ion transport,
as suggested in other works.22 The conditions under which a highly conductive interfacial
layer is formed need to be investigated further. Below, we put forward the implications of
these results in light of the possible formation of a "rigidified" polymer shell around the filler
particles.
Understanding macroscopic conduction
Recently, Zagórski et al.13 showed that in (Ga substituted) LLZO:PEO(LiTFSI) composites
with micron sized filler particles, the conductivity drops very significantly, by over two orders
of magnitude, between ω = 40 % and ω = 50 % at 343 K. Conductivity results from Zagórski
et al.13 are reproduced in Figure 7a. Below ω ∼ 40%, the conductivity is close to that in
bulk PEO(LiTFSI) and decreases slowly with increasing ω. These results agree well with our
simulations, as we predict that the introduction of large LLZO particles is detrimental to
Li-ion transport due to three major factors. First, high interfacial resistance (particularly for
garnet-to-polymer Li-ion exchange) renders the particles essentially non-conducting. Second,
the polymer chains surrounding the particle are significantly less mobile, reducing the ability
of Li+p to diffuse. And finally, the third factor is the absence of diffusion enhancement arising
from space charge effects along the LLZO particle surface.
The sudden decrease in conductivity is reminiscent of a percolated network, in which
spanning clusters of the most conductive phase (in this case, the matrix) cease to exist
at a critical threshold ωc. When non-overlapping conductive spheres are dispersed into
an insulating continuum, a percolation threshold appears at ωc ≈ 29%.69 However, when
non-overlapping insulating spheres are dispersed into a conductive continuum, the ionic
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Figure 7: (a) Symbols: relative conductivity σ/σ0 (bulk conductivity σ0 = 10−3 S·cm−1) as a
function of filler volume fraction, ω, in LLZO:PEO(LiTFSI) composites at 343 K according
to the work from Zagórski et al.13 Solid line: best fit of equations (8)-(12) for δ/R̃ =
0.10, 0.11, 0.12 (the curves basically overlap). The insets depict the possible origin of a
percolation effect manifesting from ω ∼ 40 - 50 %: the polymer shells surrounding the filler
particles begin to overlap with one another. The chains in these shells are considerably less
mobile and produce a long-range drop in Li+p diffusivity. At very high ω, conduction occurs
only through the shells and in-between the particles interstices. Adapted with permission
from Zagórski et al.13 Copyright (2019) American Chemical Society. (b) Stress-strain curves
for LLZO:PEO(LiTFSI) at several values of ω measured experimentally in this work. There
is a significant increase in the initial slope of the stress-strain curves at ω = 40 % and ω = 50
% with respect to ω < 40 %, followed by plastic yield. The Young’s modulus, E (extracted
from the initial slope of the curve), ultimate tensile strain, u.t.s. (maximum stress before
yield) and yield strain are reported in the table to the right. (c) Graphical representation of
E, depicting the abrupt initial hardening of the composite at ω = 40 %.
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conductivity decreases approximately as a power law and conduction occurs well beyond
random close packing (ω ≈ 64%), because small ions can still diffuse through the interstitial
space between the jammed spheres. This is known as Archie’s law70 and is routinely verified
in conductive-brine filled porous rocks in the oil industry. In such system, a theoretical
percolation threshold is predicted at ω ≈ 97%,71,72 well beyond the critical threshold observed
in Zagórski et al.13 data (see Figure 7a). Similarly, numerous models of permeability in
multiphase media predict a smooth decrease in conductivity with ω for non-overlapping
insulating spheres in a conductive continuum up to random close packing.73 It is only when
particles have an aspect ratio between 4 and 5, that a percolation threshold is theoretically
predicted to appear in 40% < ω < 50 %.74 The particles employed in this work and those in
Zagórski et al.13 were approximately spherical and thus, this explanation is not feasible.
We propose an alternative hypothesis. Consider micron size garnet particles and high
molecular weight PEO chains (MW=106 g·mol−1, N = 2.3×104), similar to those in Zagórski
et al.13 As a first approximation, let us assume that coefficient a in equation (1) has the











where lb and ld are monomer length and effective diameter, respectively, and lp is the per-
sistence length.75 Taking lp = 3.8 Å for PEO,66 lb = 2.5 Å (obtained from dividing the
length of an extended chain by N) and ld = lb, we get 〈l〉LD = 187 nm. Thus, an isolated
polymer chain bound to the garnet surface would cover a surface area ∼ π〈l〉2LD = 0.11µm2,
significantly below the available surface area on the particle (∼ 3µm2). This comfortably
allows for the formation of the mushroom-like configuration shown in our simulations at
T ≤ 450K. For the PEO chains used in the experimental part of this work (MW= 5×106
g×mol−1, N = 4.4 · 105), 〈l〉LD = 491 nm, corresponding to a surface coverage of ∼ 0.7 µm2
and allowing again for a mushroom-like configuration. A layer of mushroom-like polymer
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covering the particle surface would display significantly reduced segmental mobility in the
vicinity of the particle surface, as shown by our simulations. This is due to the polymer
chains binding the particle surface at several points across the chain length, as opposed to
the more mobile brush-like configuration that is prevalent at 600 K (see Figure 3). Within
this shell of "rigidified" polymer, it is reasonable to expect that Li-ion mobility is severely af-
fected. Indeed, we have shown that the disruption in diffusion can be surprisingly long-range,
even beyond one polymer chain length.
Because the polymer shells are soft and can overlap, a percolation threshold may now
arise and a suitable percolation model can be employed to estimate the critical filler content
and polymer shell thickness. We shall follow the theoretical treatment by Nan and Smith,76
who determined the effective conductivity of the composite filler + shell particle, σ̃, through
the Maxwell-Garnet mixing rule. The high surface resistance of the equilibrated LLZO
particle means that, effectively, σs >> σf , where σs and σf denote the polymer shell and
filler conductivities, respectively. In that case, the Maxwell-Garnet equation reduces the










and δ and R̃ are shell thickness and filler particle radius, respectively. Since the polymer
shells can overlap, we can now use a suitable effective medium approximation to estimate
the effective conductivity of the CSSE, σeff , as a function of ω. Kirkpatrick77 extended the
classical Maxwell-Garnett model by incorporating percolation theory, following:
(ω
ω̃
) σfs − σeff





) σ0 − σeff
σ0 − ( ωcω̃−ωc )σeff
= 0, ω/ω̃ < 1, (10)
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where σ0 is the conductivity of the polymer matrix.
When ω/ω̃ ≥ 1, the bulk polymer vanishes and all available PEO is "trapped" within
the shells. Because the LLZO particles are rigid and cannot overlap, we may assume that




σs, ω/ω̃ ≥ 1. (11)
Equations (10) and (11) alone tend to overestimate the conductivity, because they do not
account for the increase in tortuosity τ for the ionic diffusion paths with increasing ω.
Tortuosity can be significantly dependent on the system dimensions for finite size configu-
rations,78 such as thin electrolyte layers. For simplicity, however, we shall use the scaling
relation τ = (1− ω)−0.36 for infinitely large systems, assuming that the CSSE is conductive





Equations (8) - (12) have three adjustable parameters: δ/R̃, ωc and σs. However, we
impose that ωc should occur beyond overlap of the randomly packed composite particles (i.e.,
ωc/ω̃ > 0.64) and that the percolation threshold in equation (10) complies with ωc/ω̃ < 1.
After fitting the experimental data from Zagórski et al.13 (Figure 7a), we obtain σs ≈ 10−3σ0,
ωc = 0.48 and 0.10 < δ/R̃ < 0.13. The resulting fitting curves for δ/R̃ = 0.10, 0.11 and 0.13
are shown in Figure 7a. σ/σ0 is clearly insensitive to variations in δ/R̃ within this rather
narrow range. The average filler particle size reported in Zagórski et al.13 had a radius of 0.7
µm, which suggests a polymer shell ∼ 70 - 90 nm thick. Therefore, the experimental data is
consistent with the existence of a highly resistive particle surrounded by a thin envelope of
a poorly conductive polymer shell.
There are several important aspects to note. Firstly, the shell thickness is below our
ideal estimate for the polymer mushroom thickness (187 nm). This could be interpreted
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as follows. For long polymer chains, the outer layers of the bound polymer mushroom
may be mobile enough for bulk diffusion to be essentially reestablished. Therefore, the
estimated shell thickness is relatively independent of N for sufficiently long chains. Secondly,
σs/σ0 is at least one order of magnitude below the estimated value of D/D0 in Figure (6e)
(D/D0 measures the diffusivity in the polymer phase within 40 Å from the interface and,
consequently, should constitute a measure of the diffusivity within the hypothesized polymer
shell). Although the conductivity depends also on the anion diffusivity and thus, is not
necessarily proportional to the cation diffusivity, changes in conductivity tend to be within
the same order of magnitude as changes in Li-ion diffusivity (see Figure S5 in the SI). It
is possible that beyond the percolation threshold, the overlapping shells are more densely
packed and, as a consequence, the Li-ion diffusivity can decrease even more with respect to
the bulk value.
To further explore our hypothesis, we carried out linear tensile strain tests on LLZO:PEO(LiTFSI)
composites at several values of ω. The resulting curves are shown in Figure 7b, while the
small strain Young’s moduli obtained from the initial slopes of the curves are depicted in
Figure 7c. Reinforcement of the polymer matrix with LLZO leads to a linear increase of
the Young’s modulus with ω up to ω = 30 %, without noticeable variation on the elastic
behavior of the material. However, a drastic increase in Young’s modulus is observed at
ω = 40 %, while a yield stress appears at about 5 % strain. This change is accentuated at
ω = 50 %, with the Young’s modulus remaining constant while the yield stress decreases
to about 1 %. Therefore, a significant change in the microstructure takes place at around
ω = 40 %.
The effect of a polymer layer surrounding small filler particles has been discussed in the
context of alumina nanoparticles in polymeric epoxy matrices by Vasileva and Friedrich.80 It
was found that an effective random close packing fraction of ω = 37 % and a polymer shell
thickness between 50 - 90 nm explained well their micromechanical data. Following a similar
line of thought, one can infer that entanglement between overlapping bound polymer shells
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put in contact at values of ω approaching to ωc increases mechanical strength at low strains,
but leads to lower yield strains as the entanglement length between polymer chains becomes
shorter and pockets of free, bulk polymer become disconnected. Further analysis is required
to fully prove this hypothesis, but the coincidence between the sudden and significant increase
in resistance to Li-ion transport and the increase of the Young’s modulus appears unlikely
to be fortuitous.
Figure 8: Arrhenius plots for the conductivity σ of the CSSE samples synthesized in this
work, at the filler fractions of ω = 10, 20, 30, 40 and 50 %. Two activation energies are
observed, with the inflection point located approximately at the glass transition temperature
Tg.
Figure 8 depicts the Arrhenius plots for the conductivity of the CSSE samples fabricated
for this study, at the filler fractions of ω = 10, 20, 30 , 40 and 50 %. Independently of
the garnet content, there are two activation energies: 0.38 eV for T > 60 ◦C and 1.17 eV
for T < 60 ◦C. The inflection point corresponds to the glass transition temperature of the
polymer (∼ 63 ◦C for pure PEO) and does not present any significant variation with ω.
Clearly, the activation energy associated to Li-ion conduction is most strongly dependent
on the polymer phase and decreases by a factor of ∼ 3 when the polymer transits from
semicrystalline to amorphous phase. Interestingly, we observed the same trend described
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in Figure 7a at all temperatures: σ decreases monotonically with ω, but a significantly
more abrupt decrease occurs between 40 % and 50 %. Previous work has indicated that a
maximum in σ is observed in the RT conductivity of LLZO:PEO or LLTO:PEO systems at
low volume fractions.12,21,22 Zheng et al.12 used micron size LLZO particles and found that
the conductivity enhancement at RT was likely due to chemical decomposition of LLZO.
In most other scenarios, the filler consisted in either nanoparticles or nanowires and thus,
the higher available surface area was potentially more likely to allow for widespread polymer
amorphization at RT, enhancing σ. Our measurements and simulations show that for micron
size particles, the beneficial effect of filler-induced polymer amorphization is absent at 343
K (i.e. above Tg) and, if it does occur below Tg, it is located at ω < 10 %. In addition,
conductivity enhancement introduced by space charge effects may not truly occur. It is also
possible that in systems comprising small nanoparticles, aggregation is considerably more
challenging to avoid, prompting the presence of percolation effects that become hard to
separate from the underlying physics of the system.
Conclusions
In summary, our atomistic simulations reveal that the PEO/LLZO interface of LLZO:PEO(LiTFSI)
CSSEs displays an unanticipated molecular-level adaptability in optimizing bonding within
the polymer in the presence of the garnet filler. First, we found that large portions of the
PEO chains are detached from the garnet surface, with the presence of only few anchoring
PEO-garnet points which are associated to the coexistence of strong hydrogen bonds and
weak vdW interactions. Second, space-charge distribution at the PEO/LLZO interface forms
an asymmetric Stern-like layer which, at atomistic time scales, allows for the uptake of Li
ions within the PEO into the garnet but prevents the opposite ion flow. Finally, we also
observed that the presence of the garnet severely diminishes ionic diffusivity in PEO even
at large distances from the interface. Experimental measurements performed in this work
show a dramatic change in the mechanical properties of the material at ω = 40 %, approx-
34
imately coinciding with a previously reported percolation threshold in the conductivity of
LLZO:PEO(LiTFSI) CSSEs synthesized under identical conditions.13 We have not seen this
effect reported in LLZO nanoparticle systems (or any other conductive filler) for CSSEs,
which we suspect is due to more effective agglomeration of bound polymer chains onto the
surface of large microparticles. However, definitive conclusions can only be achieved through
the systematic study of CSSE with different particle size distributions and a wide range of
polymer lengths under identical manufacturing and testing conditions. We shall be following
this line of inquiry in the future.
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